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Nanoscopic strain evolution in single-crystal 
battery positive electrodes
 

Jing Wang1,2, Tongchao Liu    1  , Weiyuan Huang    1, Lei Yu3, Haozhe Zhang1,2, 
Tao Zhou    3, Tianyi Li    4, Xiaojing Huang    5, Xianghui Xiao    5, Lu Ma    5, 
Martin V. Holt    3, Kun Ryu    2, Rachid Amine    6, Wenqian Xu    4, Luxi Li    4, 
Jianguo Wen    3, Ying Shirley Meng    2,7   & Khalil Amine    1,2 

Single-crystal Ni-rich layered oxides (SC-NMC) with a grain-boundary-free 
configuration have effectively addressed the long-standing cracking issue 
of conventional polycrystalline Ni-rich materials (PC-NMC) in lithium-ion 
batteries, prompting a shift in optimization strategies. However, continued 
reliance on anisotropic lattice volume change—a well-established failure 
indicator in PC-NMC—as a metric for understanding strain and guiding 
compositional design for SC-NMC becomes controversial. Here, by leveraging 
multiscale diagnostic techniques, we unravelled the distinct nanoscopic 
strain evolution in SC-NMC during battery operation, challenging the 
conventional composition-driven strategies and mechanical degradation 
indicators used for PC-NMC. Through particle-level chemomechanical 
analysis, we reveal a decoupling between mechanical stability and lattice 
volume change in SC-NMC, identifying that structural instability in SC 
materials is primarily driven by multidimensional lattice distortions induced 
by kinetics-driven reaction heterogeneity and progressively deactivating 
chemical phases. Using this mechanical failure mode, we redefine the roles 
of cobalt and manganese in maintaining mechanical stability. Unlike cobalt’s 
detrimental role in PC-NMC, we find cobalt to be critical in enhancing the 
longevity of SC-NMC by mitigating localized strain along the extended 
diffusion pathway, whereas manganese exacerbates mechanical degradation.

Nickel-rich LiNixMnyCozO2 (x + y + z = 1, x ≥ 0.6, Ni-rich nickel manganese 
cobalt oxide (NMC)) layered oxide positive electrode materials with 
a high accessible specific capacity (>200 mAh g−1) are widely used in 
high-energy lithium-ion batteries (LIBs)1–4. However, mechanical deg-
radation, primarily driven by external stress or internal lattice strain, 
remains a major challenge5–8. This degradation often leads to parti-
cle fracture, followed by surface parasitic reactions and irreversible 
phase transformation9,10. In particular, most of the existing commercial 

Ni-rich NMC are secondary particles (5–15 μm) composed of primary 
nanograins (50–500 nm), interconnected by grain boundaries11,12.  
Polycrystalline Ni-rich materials (PC-NMC) are inherently susceptible 
to mechanical instability because of the anisotropic lattice parameter 
changes (that is, expansion along the c direction and contraction along 
the a/b direction) during Li ions moving in and out of the lattice13. The 
repeated volume expansion and contraction during battery cycling 
subject the randomly oriented nanograins to severe compressive or 
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meaningful insights into compositional optimization pathways in SC 
Ni-rich NMC, guiding the rational development of high-performance 
battery positive electrode materials.

Strain fundamentals and model systems
Strain has emerged as a key indicator of internal stress accumula-
tion and mechanical degradation7,43,44. However, the understanding 
of strain remains ambiguous and inconsistent across the published 
peer-reviewed literature. To establish a clear framework for this study, 
we first outline some fundamentals of strain.

Strain (ε) refers to the structural deformation of a material in 
response to stress (σ)45. In the specific context of Ni-rich NMC, strain 
primarily arises from chemomechanical forces (for example, O–Li–O 
bonding and electrostatic repulsion) induced by Li insertion and extrac-
tion during electrochemical testing (Supplementary Fig. 1). In this 
work, it is mathematically represented as

ε = dmeasured − d0
d0

, (1)

where dmeasured and d0 are interplanar spacings of the locally measured 
states and unstrained states of the crystal, respectively. In this defini-
tion, strain reflects the local deviation of lattice parameters from their 
equilibrium lattice configuration46,47. When the accumulated strain 
exceeds the elastic limit, it can lead to irreversible mechanical degrada-
tion (for example, intragranular or intergranular cracking). A detailed 
discussion of the origin, impact and methodology of strain is provided 
in Supplementary Note 1.

To investigate the VSP relationships for strategic composition- 
driven strain regulation in insertion chemistry, we have designed two 
comparable compositions, namely, Co-free NM91 and Mn-free NC91, as 
our models, featuring boundary-rich or boundary-free configurations. 
In these compositions, the same Ni content ensures a comparable state 
of charge (SoC), whereas variations in the Mn/Co content allow for a 
controlled regulation of lattice dimension changes. The VSP relation-
ships are examined for conventional PC Ni-rich systems and further 
explored for SC Ni-rich layered oxides.

The Ni-rich NMC materials were synthesized via a co-precipitation 
and solid-state calcination process, yielding PC particles (~6–7 μm) 
with similar surface areas (Supplementary Figs. 2 and 3) and  
SC particles (~3–5 μm) with coherent and grain-boundary-free crystal 
structure (Supplementary Figs. 4 and 5). Both PC and SC samples  
have comparable stoichiometry (Ni:Mn ≈ 9:1 or Ni:Co ≈ 9:1) (Supple-
mentary Table 1), uniform elemental distribution (Supplementary 
Figs. 6 and 7) and a hexagonal α-NaFeO2 (R ̄3m) structure without 
 impurities (Supplementary Fig. 8). The Co-free samples exhibit  
higher Li/Ni disorder than Mn-free counterparts, probably due to  
stronger magnetic frustration from Ni2+/Ni3+ and Mn4+ (Supplementary  
Tables 2–5)48.

Strain evolution in PC Ni-rich layered oxides
To understand strain evolution in PC layered oxides during Li metal 
coin cell cycling, lattice parameter changes are monitored via 
in situ X-ray diffraction (XRD) measurements. Figure 1a,b shows the 
two-dimensional (2D) contour plots of PC-NC91 and PC-NM91 during 
the first Li metal coin cell cycle at 20 mA g−1. Both samples show a simi-
lar SoC-dependent shift during delithiation and lithiation, indicating 
solid-solution reactions within the layered structure (Supplementary 
Figs. 9–12 and Supplementary Note 2).

Due to the secondary particle morphology of PC-NMC, mechani-
cal interaction among densely packed primary grains can generate 
compressive/tensile stress during lattice expansion/contraction (Sup-
plementary Note 3). Rietveld refinements (Supplementary Fig. 13) 
reveal that both materials show similar a-axis changes, consistent 
with comparable Ni oxidation (Supplementary Fig. 14), but PC-NC91 
exhibits a larger c-axis contraction (6.0% versus 3.6%) and greater 

tensile strain through the interactions between closely packed particles. 
The strain can be further exacerbated by the large lattice parameter 
changes and crystallographic anisotropy within the nanograins14,15. 
This creates intergranular cracks, facilitating liquid electrolyte solution 
penetration into the newly exposed surface and triggering additional 
interfacial degradation16–18. Accordingly, the magnitude of volume 
change becomes a common indicator for accessing strain accumula-
tion and mechanical stability of PC-NMC8,16,19–24.

To mitigate the mechanical degradation issue, modulating lat-
tice volume evolution by optimizing cobalt (Co) and manganese (Mn) 
content in PC-NMC has been widely explored, as composition changes 
could substantially alter the electrochemical properties. Typically, Co 
mitigates Li/Ni disorder but promotes particle cracking due to exacer-
bated volume change and high lattice oxygen activity at deep delithia-
tion states5,19,25,26. Conversely, Mn constrains lattice parameter changes 
and improves interfacial stability with stable Mn(IV)–O bonds, which 
comes at the cost of a lower initial cell capacity19,27,28. Consequently, 
low Co and even Co-free NMCs are considered a feasible approach to 
enhance structural stability at less cost29–31. Although the grain bounda-
ries still exist, they pose potential risks for particle pulverization and 
surface deterioration, especially at high cell potentials.

Single crystallization has emerged as a promising strategy to 
enhance the multiscale structural integrity of NMC particles by eliminat-
ing grain boundaries32,33. Single-crystal Ni-rich layered oxides (SC-NMC) 
have a continuous crystal lattice without internal grain bounda-
ries, with crystallite sizes between 1 μm and 10 µm (refs. 32,34,35).  
The single-crystal (SC) architecture not only facilitates a higher tap 
density at the electrode level but also eliminates intergranular crack-
ing by reducing stress between particles arising from the anisotropic 
volume change. However, the larger crystal size inherent to SC particles 
significantly magnifies the impact of internal lattice strain, primar-
ily driven by heterogeneous Li⁺ (de)insertion through the extended 
diffusion pathways within the layered structure36–38. Despite this, the 
current understanding and characterization of strain in SC-NMC are 
often based on models developed for PC-NMC, where volume change 
serves as a key indicator39–42. Nonetheless, the actual volume change–
strain performance (VSP) relationship in single particles, free from the 
grain-to-grain interactions of polycrystalline (PC) particles, is largely 
underexplored. Consequently, composition-driven strain engineering 
strategies for SC Ni-rich NMC may not align with previous observations 
in PC systems. Yet, there has been limited investigation into the actual 
strain evolution in SC particles. This gap is further compounded by the 
absence of methodically integrated, multiscale diagnostics techniques, 
which are essential for capturing how strain develops, evolves and 
impacts the structural stability and electrochemical performance.

Here we systematically investigate the interplay between lattice 
volume changes, nanoscopic strain and electrochemical failure in SC 
Ni-rich NMC, using both PC and SC Co-free LiNi0.9Mn0.1O2 (NM91) and 
Mn-free LiNi0.9Co0.1O2 (NC91) as model systems. Through multiscale 
characterizations, we elucidate the distinct strain evolution in SC 
Ni-rich NMC, challenging the previously established VSP relationship 
for conventional NMC-based battery systems. We reveal that a large 
volume change is not the prerequisite for severe strain accumulation 
(or lattice distortion); rather, the root cause lies in kinetically driven 
reaction heterogeneity. The presence of strain further exacerbates 
localized chemical and mechanical degradation, leading to capacity 
decay over cycling. In particular, contrary to previous observations in 
PC-NMC, we demonstrate that Mn is more mechanically detrimental 
than Co in SC-NMC. This is attributed to more heterogeneous intra-
particle reactions and greater lattice strain due to sluggish kinetics 
in Co-free positive electrodes. Conversely, Co proves essential in SC 
Ni-rich NMC for improving cell capacity and electrode structural sta-
bility, striking a promising balance between cost, performance and 
sustainability. By simultaneously probing the chemical and mechani-
cal aspects at both nano- and micrometre scales, our work provides 
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volume shrinkage (7.8% versus 5.9%; Fig. 1c), suggesting more stress 
accumulation at grain boundaries. Additionally, PC-NC91 deviates 
more strongly from isotropic dimensional change (Fig. 1d and Sup-
plementary Fig. 15), suggesting faster mechanical stress build-up 
than PC-NM91. As shown in Supplementary Fig. 16, PC-NM91 and 
PC-NC91 exhibit similar Li diffusion rates throughout the charging 
process, suggesting the minimal impact of kinetic-induced reaction 
heterogeneity on stress formation.

Ex situ post-mortem focused-ion-beam (FIB) scanning electron 
microscopy (SEM) measurements are carried out to assess the impact 

of mechanical stress on the morphological evolution of positive 
electrodes. PC-NC91 exhibits apparent microcracks along the grain 
boundaries, which expand throughout the secondary particles (Fig. 1e). 
These observations suggest that tensile strain in PC-NC91 is released 
by grain separation inside particles, which facilitates liquid electrolyte 
solution infiltration and parasitic reactions within the particle interior. 
The PC-NM91, on the other hand, remains largely intact, exhibiting 
only minor vein-like features after 100 cycles (at 100 mA g−1), indicat-
ing improved morphological stability (Fig. 1f). Consequently, the 
Li||PC-NM91 coin cell shows an improved cycling stability (83.1%), 
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Fig. 1 | Structural, morphological and electrochemical characterizations of 
PC Ni-rich electrode active materials. a,b, 2D contour plots of in situ XRD for 
the phase evolution of PC-NC91 (a) and PC-NM91 (b) during the initial charge 
process in Li metal coin cell configuration at a specific current of 20 mA g−1. The 
colour scale on the left represents the diffraction intensity of the shown peaks. 
The red arrows indicate the diffraction signals arising from the Al foil current 
collector of the positive electrode. c, Plot of lattice volume change during 
charging for both PC-NC91 and PC-NM91 at 20 mA g−1 in Li metal coin cell. d, Plot 
of c/c0 versus (a/a0)2 for PC-NC91 and PC-NM91 charged at 20 mA g−1 in a Li metal 
coin cell configuration. The dotted grey line indicates the isotropic shrinkage 
of the crystal structure, whereas the solid grey line represents the condition 

c/c0 = 1 (c0 is the initial lattice parameter before cycling). e,f, FIB-SEM images of 
cycled PC-NC91 (e) and PC-NM91 (f) electrodes operated in the Li metal coin cell 
at 100 mA g−1 for 100 cycles. g, Galvanostatic cycling performance of Li||PC-
NC91 and Li||PC-NM91 coin cells cycled at 100 mA g−1 (three formation cycles at 
20 mA g−1 were conducted before the long-term cycling test). h, Schematic of the 
mechanical degradation mode in PC Ni-rich materials. i, 3D tomography image 
for SC-NC91, inserted with the FIB-SEM image showing the grain-boundary-free 
configuration. j, Cycling performance comparison for Li||SC-NC91 and Li||SC-
NM91 coin cells cycled at 100 mA g−1 (three formation cycles at 20 mA g−1 were 
conducted before the long-term cycling test).
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attributed to the reduced grain separation and intergranular cracks 
(Fig. 1g) at the positive electrode. Conversely, the Li||PC-NC91 coin cell 
exhibits rapid degradation with a specific discharge capacity retention 
of 59.7% after 100 cycles (at 100 mA g−1).

Anisotropic dimensional distortion and volume contraction, 
which are directly linked to strain within PC particles, promote particle 
fracture and grain boundary separation through strain relief, ultimately 
leading to the deterioration of layered oxides. This process defines 
the typical VSP relationships in PC-NMC positive electrodes (Fig. 1h).

Self-accelerated phase transition in SC Ni-rich 
layered oxides
Clearly, the established VSP relationships in PC-NMC are predomi-
nantly based on grain-to-grain interactions. However, in SC-NMC, 
where grain boundaries are absent (Fig. 1i and Supplementary Fig. 5), 
the role of volume change on structural evolution remains less under-
stood. Interestingly, the Li||SC-NC91 coin cell demonstrates improved 
cycling stability (specific discharge capacity retention of 89.2% after 
100 cycles at 100 mA g−1) compared with the Li||SC-NM91 one (75.9%) 
for the same electrochemical testing conditions (Fig. 1j). These results 
contrast with prior studies of PC Ni-rich materials, thereby necessitat-
ing further investigation.

To track the lattice structure evolution in SC Ni-rich NMC, in situ 
XRD measurements were performed on Li||SC-NM91 and Li||SC-NC91 
coin cells. The cells’ potential profiles and corresponding dQ/dV curves 
are shown in Supplementary Fig. 17. As indicated in Fig. 2a and Sup-
plementary Figs. 18 and 19, similar to the Li metal coin cells with PC 
positive electrodes, the Li metal coin cell testing of the SC-NC91 elec-
trodes shows an SoC-dependent shift during charging, exhibiting 
solid-solution reactions. By contrast, substantial peak broadening 
of (003) is observed in Li metal coin cells with SC-NM91, which starts 
at 4.1 V and persists at the end of charging, suggesting the presence 
of multiple phases (Fig. 2b and Supplementary Figs. 20 and 21). In 
particular, no significant broadening of the (101) peak is observed at 
high SoCs, probably due to increased Ni valence and strengthened 
Ni–O bonding49,50.

The four-point probe conductivity measurements, galvanostatic 
intermittent titration technique (GITT) and Li metal coin cell rate 
capability test measurements and analyses show that the intrinsic dif-
ferences in Li-ion diffusion and reaction rate are influenced by the Mn/
Co content. These features align well with previous reports regarding 
Ni-rich NMC materials27 and suggest that the Co-containing SC-NC91 
shows better kinetics than Co-free SC-NM91 (Supplementary Figs. 22–
24 and Supplementary Notes 4 and 5) in Li metal coin cells. The impact 
from these intrinsic kinetic differences could be amplified by the long 
diffusion pathways in SC Ni-rich particles, especially at fast cycling 
rates of Li metal coin cells38.

To understand the kinetic effects in phase evolution, the in situ 
XRD measurements of both positive electrode materials were car-
ried out in a Li metal coin cell configuration at a specific current 
of 200 mA g−1 (Fig. 2c,d). In the Li||SC-NC91 coin cell, the acceler-
ated charge–discharge rate obscures the H2–H3 phase transition 
at the positive electrode due to reduced delithiation (Fig. 2c and 
Supplementary Figs. 25 and 26). Yet, the (003) reflection maintains 
a single-phase evolution with a symmetrical shape until the end of 
charging. Interestingly, SC-NC91 shows a strong correlation between 
the peak position and delithiation states at different specific currents 
(Fig. 2h (left) and Supplementary Note 6). However, for SC-NM91, 
more pronounced peak broadening and separation emerge from 
4.3 V, presenting the H2–H3 phase transition process (Fig. 2d and 
Supplementary Figs. 27 and 28). The fast reaction rate exacerbates 
lattice parameter changes and phase separation in SC-NM91, inducing 
partially deep delithiated phases inside particles (Supplementary Note 
7 and Fig. 2h (right)). The degree of delithiation is closely linked to the 
Ni oxidation states, which can affect the structure of the transition 

metal (TM) layer (MO2). In particular, the a-lattice parameter change 
after charge for the Li||SC-NM91 cell cycled at 200 mA g−1 is similar to 
the change at 20 mA g−1 rate (Supplementary Fig. 29), despite the dif-
ferent SoC achieved. This suggests that the partially deep delithiated 
phases may enhance TM–O orbital overlap and activate oxygen redox 
(Supplementary Note 8)51, accelerating positive electrode structural 
degradation and capacity loss in Li||SC-NM91 cells. Consequently, 
the difference in discharge capacity retentions of Li||SC-NC91 and 
Li||SC-NM91 cells cycled at 200 mA g−1 (15%) becomes larger than that 
at 100 mA g−1(13.3%) (Supplementary Fig. 30).

Williamson–Hall (W–H) analysis shows negligible crystallite size 
effects and peak broadening dominated by microstrain (Supplemen-
tary Fig. 31). The quantitative refinement results on a- and c-lattice 
parameters, volume change and microstrain are shown in Fig. 2e–g 
and Supplementary Figs. 32–34. The (003) reflections were then 
deconvoluted by assuming a single phase or the coexistence of two 
phases based on the refinement results (Fig. 2a–d and Supplementary 
Note 9). The sluggish Li-ion diffusion in SC-NM91 with a long diffusion 
length leads to the co-existence of the H2–H3 phase, distinguished by 
significant differences in lattice parameters (Δcmax = 0.68 Å). Observa-
tions of the phase transitions at various specific currents suggest a 
self-accelerating reaction within the SC-NM91 particle (Supplementary 
Note 10). The outer ‘shell’ reaches the H3 phase earlier, with a more 
contracted lattice, blocking Li-ion movement from the core and pro-
moting strain accumulation. Therefore, though SC-NC91 and SC-NM91 
exhibit comparable microstrain values at low SoCs, SC-NM91 exhibits 
a rapid increase in microstrain at higher cell potentials, as well as at 
faster cycling conditions (that is, 200 mA g−1).

SC-NC91 exhibits a larger lattice parameter change and more 
pronounced anisotropic dimensional change compared with SC-NM91 
(Supplementary Fig. 35), yet still delivers improved cycling perfor-
mance in a Li metal coin cell. This contrasts with the behaviour of PC 
Ni-rich NMC, where electrochemical stability is closely correlated 
with lattice dimensional changes. Therefore, in Li metal coin cells with 
SC Ni-rich NMC positive electrode active materials, cycling stability 
appears to be predominantly governed by the degree of intraparticle 
crystallographic homogeneity, requiring spatial resolution techniques 
to correlate bulk-level phase separation with the lattice and chemical 
structure at the particle level.

Nanoscale mapping for crystal and chemical 
structures
Nanofocused scanning X-ray diffraction microscopy (SXDM) was per-
formed to analyse the strain spatially within single particles. The prin-
ciple of SXDM is illustrated in Fig. 3a and described in detail in 
Supplementary Note 11. The reasons for selecting the (003) Bragg 
reflection to investigate strain are further discussed in Supplementary 
Note 12. Figure 3b illustrates three types of observed lattice distortion 
from SXDM: strain (interlayered expansion/contraction Δd/d) and 
lattice rotation in the Qx–Qy plane (bending θxy) and the Qx–Qz plane 
(bending θxz). It should be noted that the observed strain or rotation 
indicated in Fig.3 is not related to the distortion of the MO6 octahedral 
layers, but rather reflects changes in the relative orientation and d 
spacings of the average lattice in the crystalline lattice.

The results of ex situ SXDM mapping for the two positive electrode 
samples charged to 4.5 V and after 100 cycles at 100 mA g−1 in Li metal 
coin cell configuration are shown in Fig. 3c–f. The standard deviations 
of the Δd/d , θxy  and θxz  values show the degree of distortions over 
particles (Fig. 3g–i). The charged SC-NC91 particle exhibits a homoge-
neous lattice with a narrow d-spacing distribution and high crystalline 
quality, as reflected by the uniform diffraction intensity and a sym-
metric one-dimensional (1D) rocking curve (Supplementary Figs. 36 
and 37). By contrast, the total diffraction intensity for the charged 
SC-NM91 is less detectable except for the centre (Supplementary 
Fig. 38). Additionally, the 1D rocking curve shows an asymmetric shape 
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with a larger peak width compared with SC-NC91 (Supplementary 
Fig. 39), aligning well with the (003) peak separation in the XRD. The 
SXDM mapping confirms that the charged SC-NM91 particle shows 
severe lattice distortion, with a larger interlayer spacing variation of 
0.0018—more than three times larger than that of SC-NC91. Addition-
ally, higher magnitudes of twisting and bending are observed in 
SC-NM91, suggesting larger crystal orientations or rotations generated 
during charging.

It is noticed that for both samples, the strain is increased whereas 
the lattice rotation is decreased after long-term battery testing (Fig. 3g–i).  
This may be attributed to the gradual release of misorientation distor-
tion (that is, lattice rotation) caused by intragranular cracking and 
irreversible phase transitions to spinel and rock-salt (RS) phases. How-
ever, lattice strain can intensify due to the increased lattice mismatch 
between the newly formed phases and the remaining layered struc-
tures. In particular, Fig. 3c–f shows that Δd/d  mostly anticorrelates 
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with θxy and θxz  spatially, further suggesting the competing evolution 
of strain and misorientation distortion. SC-NC91 retains low hetero-
geneity and misorientation, with distortions mainly near particle sur-
faces (Fig. 3e), probably from the commonly observed lattice mismatch 
at the positive electrode–liquid electrolyte interface52. However, lattice 
strain in SC-NM91 becomes more pronounced after cycling, with 
d-spacing heterogeneity 3.3 times larger than that of cycled SC-NC91, 
accompanied by a marked reduction in rotational distortions. This 
suggests a lattice-strain-dominated degradation over long-term cycling 
(Fig. 3f). Interestingly, although SC-NC91 exhibits a larger change in 
the c-lattice parameter during delithiation, it shows less distortion and 
greater structural stability, suggesting that strain is more closely linked 
to local lattice deviations from the expected state than to the absolute 
lattice changes during delithiation.

On the basis of the above observations, lattice strain is decoupled 
from the lattice parameter changes in SCs. However, the origins of this 
strain and its role in mechanical degradation require further investiga-
tion. Moreover, due to the smaller variation in the a-lattice parameter 
and weaker intensity of reflections such as (101), (102) and (104), the 
diffraction-based techniques are relatively difficult to access in-plane 
strain. However, X-ray absorption spectroscopy (XAS) is sensitive to 
local bond lengths and distortions around TMs53,54, providing insight 
into strain development within MO2 layers. Thus, XAS was further used 
to correlate phase evolution with chemical properties. Mn and Co ions 
mostly remain electrochemically inactive (Supplementary Fig. 40), 
not contributing additional cell capacity. Meanwhile, both SC-NM91 
and SC-NC91 demonstrate a relatively reversible Ni K-edge shift and 
Ni–O bond length changes during the initial charge–discharge cycle 
(Supplementary Figs. 41 and 42 and Supplementary Tables 6 and 7). 
However, SC-NM91 shows a slightly more pronounced increase in local 
structural disorder after discharge, suggesting the correlation of Ni 
redox behaviour with structural reversibility. An in-depth investiga-
tion into the local chemical structure evolution at the particle level 
is required.

Full-field transmission X-ray microscopy (TXM) coupled with 
three-dimensional (3D) X-ray absorption near-edge structure (XANES) 
measurements was further conducted to analyse the chemical origins 
of strain. Figure 4a,b shows the Ni oxidation state distribution (mani-
fested by colour variations) for charged SC-NC91 and SC-NM91 at 4.5 V, 
based on the white-line (WL) energy of Ni K edge. The cross-sectional 
chemical mappings from three different directions (that is, x–y, y–z 
and x–z) demonstrate a homogeneous Ni valence across the SC-NC91 
particles (Fig. 4a). By contrast, a large portion of the charged SC-NM91 
particles exhibit high oxidation states within the bulk (Fig. 4b). The 
histogram for statistical analysis of each 3D dataset shows that 
SC-NC91 has a higher average WL energy than SC-NM91, which is 
consistent with the XAS results (Supplementary Fig. 43). Despite 
this, SC-NM91 has a wider Ni oxidation state distribution, implying 
the coexistence of chemical phases with various lattice parameters, 
which contributes to the strain generation inside particles55. Moreo-
ver, the deep delithiated states (Supplementary Note 13) triggered 
by the inhomogeneous reaction inside the particles may contribute 
to irreversible lattice distortions arising from σ-type hybridization 
between Ni3+/Ni4+ and the O2− species56. Specifically, although the 
average SoC and Ni valence state of SC-NM91 is lower than SC-NC91 at 
the end of charge, the partial deeper delithiated regions may activate 
the charge compensation from oxygen, which may eventually exac-
erbate the integrity of the MO2 layers. This observation is consistent 
with the sluggish change in the a-lattice parameters observed in XRD. 
Additionally, the broad distribution of Ni valence states corresponds 
well with phase separation in SC-NM91, and the pronounced d-spacing 
heterogeneity in SXDM strain mapping, together suggesting the 
co-evolution of in-plane strain.

Figure 4e,f shows the 3D TXM-XANES results of both samples after 
cycling in the Li metal coin cell configuration. Even though more lithium 

is extracted from SC-NC91 per cycle, the positive electrode active 
material still exhibits a uniform Ni oxidation state in particles. Nonethe-
less, more red regions are observed for SC-NM91 even in the discharged 
state, suggesting the existence of an inactive Ni-related phase and 
explaining the capacity loss of the Li||SC-NM91 coin cell over cycling. 
The formation of electrochemically fatigued phases in SC-NM91 may 
be linked to the release of misorientation distortion and escalation of 
localized lattice strain, as demonstrated in the SXDM analysis. The 
overall Ni valence in the cycled SC-NM91 particles appears increased 
due to the irreversible Li-ion extraction and insertion, as evidenced by 
the XANES data of the cycled positive electrodes (Fig. 4g and Supple-
mentary Fig. 44). These observations are consistent with the contrac-
tion of the Ni–O bond length and larger increase in Debye–Waller 
disorder factor (σ2Ni−O) of cycled SC-NM91, indicating the presence of 
electrochemically fatigued phases and increased structural disorder 
after cycling (Supplementary Figs. 45 and 46 and Supplementary 
Tables 8 and 9)57,58. Further statistical analysis of the WL peak position 
shows a wider Ni valence distribution in SC-NM91 than in SC-NC91 
(Fig. 4h). The chemical heterogeneity observed closely correlates with 
the strain accumulation observed in SXDM and XRD, suggesting the 
chemical origins of strain formation.

Atomic-scale observation of strain accumulation
The investigation into the impact of lattice strain and reaction het-
erogeneity on morphology and lattice structure was conducted 
using high-resolution transmission electron microscopy (TEM). The 
low-magnification observations (Fig. 5a,g) reveal that after prolonged 
cycling in the Li metal coin cell configuration, the surface structures of 
both types of positive electrode sample underwent a transformation 
into the RS phase. This transformation should be attributed to the sur-
face parasitic reduction between Ni4+ reactions and the carbonate-based 
liquid electrolyte solution, which is commonly observed in Ni-rich lay-
ered oxides and appears to be independent of Mn and Co contents19,59. 
As shown by the electron diffraction patterns at the subsurface regions 
(Supplementary Fig. 47), pronounced lattice distortion is revealed in 
cycled SC-NM91 by the presence of streak-like diffraction features, 
which are typically associated with stacking faults and disrupted perio-
dicity between adjacent MO2 layers. As depicted in Fig. 5b–d and Sup-
plementary Fig. 48, SC-NC91 maintains an intact structure without 
any observable microcracks after long-term cell cycling. Conversely, 
the cycled SC-NM91 exhibits notable morphological damage, evident 
intragranular cracks and the presence of an RS phase near the cracks 
(Fig. 5h–j and Supplementary Fig. 49). The transition from a layered 
(LixTMO2) to an RS (NiO-like) structure is often associated with lattice 
oxygen loss, which manifests as a suppressed O K-edge pre-edge peak 
in electron energy-loss spectroscopy60. As shown in Supplementary 
Fig. 50, the O pre-edge peak intensity not only decreases near the sur-
face of SC-NM91 but also exhibits a relatively low intensity across the 
cracks, aligning with the RS phase observed in Fig. 5h. These results 
imply that the extensive intragranular cracking formation in SC-NM91 
is accompanied by lattice oxygen loss and TM migration, which are 
probably arising from the stronger TM–O orbital overlap at the partially 
deep delithiated regions in SC-NM91, as suggested by the in situ XRD 
and TXM-XANES results (Supplementary Note 14). Besides, the geo-
metric phase analysis reveals substantial strain primarily concentrated 
around the cracking region of SC-NM91 (Fig. 5k,l), whereas SC-NC91 
exhibits a more well-maintained lattice structure without apparent 
strain accumulation (Fig. 5e,f). The spatial co-location of microcracks 
and spinel/RS phases near the crack regions in SC-NM91 aligns with the 
opposing trends of strain and rotation observed in Fig. 3c–i, suggest-
ing the coupled evolution of strain and lattice rotation as a key driver 
of mechanical failure and capacity decay (Supplementary Note 15 and 
Supplementary Figs. 52 and 53). The chemomechanical evolutions 
impacted by the Mn/Co content in SC structures are summarized in 
Fig. 5m, and further discussed in Supplementary Note 16.
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Conclusions
By integrating multiple diagnostic techniques, we have uncovered 
distinct nanoscopic strain evolution in SC Ni-rich battery positive 
electrode active materials, redefining the role of composition on the 

electrochemical cycling stability of Li||NMC coin cells. Differing from 
PC-NMC, the strain in SC-NMC is decoupled from the magnitude of lat-
tice parameter changes. Instead, the reaction heterogeneity can lead 
to accelerated delithiation inside active material particles, resulting in 
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localized regions of intensified strain generation, ultimately diminishing 
the battery performance. We observed that the compositional effects 
deviate from the observations in PC Ni-rich materials. Mn exacerbates 
reaction heterogeneity, which promotes oxygen loss and strain accu-
mulation, whereas Co enables fast structural equilibrium and highly 
reversible structural changes during Li metal coin cell charge–discharge 
cycles. As a result, Co-containing SC positive electrodes, compared 
with their Co-free SC counterparts, enable higher coin cell discharge 
specific capacity, improved cycling stability and good rate capability.  

These results elucidate distinct strain modulation pathways compared 
with conventional NMC and redefine the roles of Mn and Co in mechani-
cal stability in SC Ni-rich NMC. It is important to point out that although 
these fundamental insights are crucial for understanding the mechanical 
and structural changes in SC- and PC-NMC positive electrodes, demon-
strating the practical application of this mechanistic knowledge at a high 
technology readiness level requires further optimization of the active 
material’s composition and structure and focus on the engineering 
process of electrode production and cell preparation61,62.
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Methods
Materials synthesis
Ni0.9Mn0.1(OH)2 and Ni0.9Co0.1(OH)2 precursors were prepared by a 
co-precipitation method in a 4-l batch reactor. Stoichiometric quan-
tities of NiSO4·6H2O (Sigma-Aldrich, ≥98%) with either MnSO4·H2O 
(Sigma-Aldrich, ≥99%) or CoSO4·7H2O (Sigma-Aldrich, ≥99%) were 
dissolved in deionized water to form 2-M solutions. The TM sulfate solu-
tions were pumped into the reactor, along with 4 M of NaOH and 6 M 
of NH3·H2O, which served as chelating agents. The reactions occurred 
under a nitrogen atmosphere, with the pH maintained at 11.5, stirring 
at 1,000 rpm and the temperature controlled at 60 °C. Afterwards, the 
precursor powders were washed (three times with Millipore ultrapure 
water, about 18.2 MΩ cm), filtered under a vacuum (using a Büchner 
funnel equipped with Whatman Grade 41 quantitative filter paper and 
a side-arm flask) and vacuum dried at 80 °C overnight. The precursors 
were then thoroughly mixed with LiOH·H2O as the lithium source (Li: 
TM = 1.03:1) using a Resodyn Acoustic Mixer (PharmaRAM I, Resodyn 
Acoustic Mixers) operated at a medium-level intensity for 3 min per 
cycle under ambient air at room temperature (25 °C) to ensure homoge-
neous blending. PC-NM91 was synthesized by sintering Ni0.9Mn0.1(OH)2 
at 740 °C for 12 h at a heating rate of 2 °C min−1 in a tubular furnace (Lind-
berg/Blue M, Thermo Scientific) under an O2 atmosphere. PC-NC91 was 
synthesized by sintering Ni0.9Co0.1(OH)2 at 720 °C for 12 h at the same 
heating rate and atmosphere. SC-NM91 was synthesized by sintering 
Ni0.9Mn0.1(OH)2 at 900 °C for 2 h, followed by 870 °C for 10 h in the 
tubular furnace (Lindberg/Blue M, Thermo Scientific) at a heating 
rate of 4 °C min−1 under an O2 atmosphere. Similarly, SC-NC91 was 
obtained by sintering Ni0.9Co0.1(OH)2 at 880 °C for 2 h and 850 °C for 
10 h in the tubular furnace under identical conditions with SC-NM91. 
Finally, the powders were carefully ground using an agate mortar and 
pestle inside an argon-filled glovebox (O2 < 10 ppm, H2O < 0.5 ppm) at 
room temperature (~25 °C) for about 10 min to obtain fine powders. 
The resulting materials were stored in a nitrogen-filled container at 
room temperature (~25 °C) before electrode fabrication.

Electrode preparation and electrochemical measurements
The positive electrodes were prepared by mixing the active materials 
with carbon black (C45 Conductive Carbon Black, TIMCAL, purity of 
>99.9%, average particle size of ~110 nm, Brunauer–Emmett–Teller sur-
face area of 45 m2 g−1, average porosity of ~0.4 cm3 g−1 and average pore 
diameter of ~35 nm) and polyvinylidene fluoride (Solvay 5130) binder 
dissolved in N-methyl-2-pyrrolidone (Sigma-Aldrich; anhydrous, 99.5% 
purity, water content of <0.005%) in an 8:1:1 mass ratio. The mixture was 
then homogenized using a planetary centrifugal mixer (THINKY MIXER 
ARE-310) with highly polished yttria-stabilized zirconia grinding balls 
at 2,000 rpm for 8 min under ambient air in the wet-mixing mode. The 
resulting slurry was cast onto aluminium (Al) foil current collectors 
(MTI Corporation, purity of >99.3%, 15 ± 1 µm thick) using a tape-casting 
coater with a vacuum chuck (MSK-AFA-III, MTI Corporation) equipped 
with a film applicator set to an initial wet-coating thickness of 180 µm. 
The Al foil was used as received without additional surface cleaning or 
pretreatment. The coated electrodes were dried at 75 °C for 2 h, fol-
lowed by calendering (roll pressing) to achieve a uniform thickness and 
improved electrode density (a final electrode porosity in the range of 
20%–30%, calculated from the electrode thickness, mass loading and 
theoretical densities of individual components). The electrodes were 
passed through the rollers (Durston DRM C100 RE 100-mm combina-
tion rolling mill) multiple times at a gap setting of ~50 µm under an 
estimated pressure of 50–70 MPa to ensure consistent densification. 
The calendared sheets were then punched into circular electrodes 
(14-mm diameter) using a NOGAMI handheld electrode punch inside 
an argon-filled glovebox (O2 < 10 ppm, H2O < 0.5 ppm) at room tem-
perature (25 ± 2 °C) to prevent moisture exposure. Subsequently, the 
electrodes were transferred to a vacuum oven (Thermo Fisher Precision 
Vacuum Oven, Model 29) and dried overnight at 60 °C to remove the 

residual solvent. The final mass loading of the active material in the 
positive electrode was approximately 4 mg cm−2. The final electrodes 
were circular discs with a diameter of 14 mm (1.54 cm2) and a dry thick-
ness of ~35 µm.

The 2032-type coin cells (Canrd Technology Co. Ltd.) were assem-
bled in an argon-filled glovebox (NEXUS-II VAC-ATM, O2 < 10 ppm, 
H2O < 0.5 ppm, room temperature) using stainless steel casing com-
ponents, including a cathode cap, anode cap, two stainless steel spacers 
and a wave spring. Li metal foil (15-mm diameter, 200-μm thickness, 
purity 99.9%; Alfa Aesar) was used as the negative electrode, Celgard 
2325 (25 μm thick, 39% porosity, average pore size of ~0.06 μm, 16-mm 
diameter) was used as separators and 1.2 M of LiPF6 in EC/EMC (3:7) 
was used as the electrolyte (40 μl). The electrolyte was purchased as a 
preprepared solution (SelectiLyte BASF, battery grade, water content of 
<20 ppm). The electrolyte was stored in its original Al-laminated pouch 
at room temperature in an argon-filled glovebox and used directly 
without further purification. During cell assembly, the electrolyte was 
handled exclusively inside the glovebox using disposable polypropyl-
ene pipette tips and an Eppendorf Research Plus mechanical pipette to 
prevent contamination.

The cells were sealed using a coin cell crimping machine (Hohsen 
Automatic Coin Cell Crimper) with factory-calibrated pressure con-
trol. Galvanostatic charge–discharge cycling was performed using a 
NEWARE battery testing system (CT-4008Tn-5V10mA-164, Shenzhen, 
China, 5 V/10 mA channels, accuracy of ±0.02% in full scale) inside a 
climatic chamber (Thermo Fisher Scientific Heratherm Advanced 
Protocol Microbiological Incubators, convection heating) maintained 
at 25 °C. Three formation cycles at 20 mA g−1 were conducted before 
the long-term cycling test at 100 mA g−1. All electrochemical measure-
ments were performed using two different coin cells per condition, and 
the data presented represent the average values from both cells. The 
specific current and specific capacity reported in this study are calcu-
lated based on the mass of active materials in the positive electrode.

GITT measurements were carried out using a Maccor electro-
chemical analyser at a constant specific current of 20 mA g−1 in the 
potential range of 2.8–4.5 V. Each titration consisted of a 20-min current 
pulse followed by 140-min open-circuit relaxation to allow the system 
to reach near-equilibrium. Potential was recorded every second (that 
is, 1 s) throughout the pulse period. To determine the lithium-ion dif-
fusion coefficient DLi, we used the following equation:

D = 4
9π(

rp
τ

ΔEs
dE/d√t

)
2

, (2)

where rp is the effective lithium-ion diffusion length, approximated by 
the average particle radius in SEM (ImageJ analysis of average particle 
diameter), τ  is the duration of the current pulse, ΔEs is the change in 
equilibrium potential during the rest period, E is the electrode poten-
tial, t is the step time and dE/d√t  is the initial slope of potential versus 
t  (excluding the transition region), determined consistently in 
10 < √t  < 20 for all samples. The analysis approach is consistent with 
prior GITT studies63,64. Demonstrations of the linearity of Epulse versus 
√t  plots during GITT measurement and the methods used to extract 
dE/d√t  and ΔEs are illustrated in Supplementary Figs. 54–56.

For thin-film electronic conductivity measurements, a standard 
four-point probe configuration was used, with a constant current 
applied between the outer probes and the potential drop was measured 
across the inner probes. The sheet resistivity was calculated using the 
following equation:

where t  is the film thickness and V  and I  are the measured potential  
and applied current, respectively. The corresponding electronic 

ρ = πt
In[2] ×

V
I , (3)
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conductivity was obtained as σ = 1
ρ

. For the powder samples pressed 

into pellets, the electronic resistivity was determined using ρ = wt
L
× V

I
, 

where w, t  and L are the pellet width, thickness and distance between 
potential probes, respectively. The measurements were evaluated at 
25 °C, stepping the potential to 4.0 V with a target current of 100 µA.

Physicochemical characterization
High-energy XRD (HEXRD) data were collected at the 11-ID beamline 
(0.1665 Å) and the 17-BM beamline (0.4520 Å) of the Advanced Photon 
Source at Argonne National Laboratory using a PerkinElmer large-area 
detector. The powder samples were loaded into Kapton tubes and 
sealed in an argon-filled glovebox (NEXUS-II, VAC-ATM, O2 < 10 ppm, 
H2O < 0.5 ppm, room temperature) to prevent air exposure during XRD 
measurements. The powders were gently packed to ensure uniform 
density along the beam path, and the capillaries were sealed to prevent 
environmental contamination during measurement.

The raw 2D diffraction images collected from the area detectors 
were integrated into 1D patterns using GSAS-II software. The integra-
tion process involved importing the image files (for example, TIFF), 
calibrating the detector geometry using a standard (for example, CeO2 
or LaB6), and adjusting the start/end azimuth and 2θ range to exclude 
beamstop shadows and detector edges. After calibration, the images 
were azimuthally integrated over the full or selected χ range to produce 
intensity versus 2θ profiles. The resulting 1D patterns were exported 
as text files for further structural or phase analysis via Rietveld refine-
ments in GSAS-II. The instrument parameters are extracted by fitting 
the standard samples (for example, CeO2 or LaB6). For the powder XRD 
data, the following parameters were refined: lattice parameters (a, c) 
of the R ̄3m unit cell, microstrain broadening (modelled as isotropic), 
Li/Ni cation disorder (refining the site occupancies on the 3a and 3b 
Wyckoff positions with the fixed Mn/Co content based on inductively 
coupled plasma optical emission spectroscopy results) and isotropic 
atomic displacement parameters (Uiso) for each atomic species (Sup-
plementary Note 17). The peak profile was modelled using a 
pseudo-Voigt function (Gaussian–Lorentzian convolution), and the 
background was modelled using a Chebyshev-1 polynomial function 
with six coefficients.

XAS experiments were conducted at the 7-BM-B beamline of the 
National Synchrotron Light Source II (NSLS-II) at Brookhaven National 
Laboratory. The cycled electrodes were harvested from coin cells disas-
sembled in an argon-filled glovebox (NEXUS-II, VAC-ATM, O2 < 10 ppm, 
H2O < 0.5 ppm, ultrahigh-purity argon gas (99.999%), room tempera-
ture). Cell disassembly was performed using a coin cell disassembler 
(Hohsen), and the electrodes were handled with plastic-tipped twee-
zers (Ideal-Tek). The harvested electrodes were transferred into glass 
vials and rinsed three times with 5 ml of anhydrous dimethoxyethane 
(Sigma-Aldrich, ≥99.5%, water content of <50 ppm) to remove the 
residual electrolyte. The rinsed electrodes were then dried under a 
dynamic vacuum (~10−2 mbar) for 15 min at room temperature using 
the vacuum antechamber of the glovebox. Both pristine and cycled 
electrodes were sealed with Kapton tape inside the glovebox to pre-
vent air exposure during XAS measurements. The prepared sealed 
samples were then placed in vacuum bags before being taken out of the 
glovebox for ex situ measurement. All the XAS spectra were collected 
at ~25 °C with the transmission signals. XANES and EXAFS spectra 
were extracted and normalized following standard procedures in 
ATHENA65,66. EXAFS fitting was carried out in ARTEMIS over a k range 
of 3–12.8 Å−1 and a radial distance range of 1.2–3.0 Å, covering both 
first and second coordination shells. Structural parameters, includ-
ing bond distance (R) and Debye–Waller factor (σ2), were refined with 
the fixed coordination number (N = 6). The E0 value was 8,350 eV, and 
the amplitude reduction factor (S0

2) was set to 0.8 for Ni in a similar 
manner as previous reports66,67. The error bar estimation method was 
explained elsewhere68.

SEM and energy-dispersive X-ray spectroscopy mapping were 
performed using a Hitachi S4700 at Center for Nanoscale Materials of 
Argonne National Laboratory. Cross-sectional samples were prepared 
with a ZEISS NVision 40 FIB-SEM. TEM, selected-area electron diffrac-
tion, energy-dispersive X-ray spectroscopy, electron energy-loss spec-
troscopy and high-resolution TEM were conducted using the Argonne 
chromatic aberration-corrected TEM device (FEI Titan 80-300ST with 
an image aberration corrector to compensate for both spherical and 
chromatic aberrations) at an accelerating voltage of 200 kV. TEM 
and high-resolution TEM measurements were conducted on cycled 
positive electrodes. After electrochemical cycling, the electrodes were 
harvested, rinsed and dried following the same procedure described 
above for the XAS sample preparation. The harvested electrodes were 
cut into rectangular pieces (approximately 5 × 5 mm2) using stainless 
steel scissors (Ideal-Tek). Samples were mounted on a sample stage, 
sealed in an Ar-filled container and briefly exposed to air (almost a few 
seconds) during instrument loading. Thin-section TEM specimens 
were prepared using a ZEISS NVision 40 FIB-SEM dual-beam system 
with standard FIB lift-out procedures. The lamellae were initially 
thinned to ~200 nm using a 30-kV Ga-ion beam, followed by final 
polishing at 5 kV to remove surface damage before TEM observation. 
The geometric phase analysis was also conducted by using Digital-
Micrograph software (Supplementary Note 18 provides details of the 
calculation process).

Elemental analysis of PC and SC NM91 and NC91 powders was 
conducted using inductively coupled plasma optical emission spec-
troscopy on an Agilent 5110 Synchronous Vertical Dual View instrument 
at the Center for Nanoscale Materials of Argonne National Labora-
tory. The powder samples were digested in a mixture in a 1:3 volume 
ratio of nitric acid (70%, Sigma-Aldrich) and hydrochloric acid (37%, 
Sigma-Aldrich) using a total acid volume of 10 ml per sample. The 
resulting solutions were then diluted to achieve Ni, Mn and Co concen-
trations in the range of 1–10 ppm for accurate quantification.

The specific surface areas of the PC-NM91 and PC-NC91 pow-
ders were measured using nitrogen adsorption–desorption iso-
therms obtained using a Micromeritics ASAP 2020 instrument. 
Before measurement, the samples were degassed under a vacuum 
at 120 °C for 12 h to remove the surface-adsorbed species. The sur-
face area was calculated using the Brunauer–Emmett–Teller method 
based on the adsorption data in the relative pressure (P/P₀) range  
of 0.05–0.30.

In situ HEXRD
In situ HEXRD measurements were carried out at the 11-ID-C (for cell 
galvanostatic cycling at 200 mA g−1) and 17-BM-B (for cell galvano-
static cycling at 20 mA g−1) beamline at the Advanced Photon Source 
using a monochromatic X-ray beam with a beam size of approximately 
500 µm × 500 µm. Electrochemical measurements for in situ XRD were 
conducted using modified 2032-type coin cells (same specifications 
as those described in the ‘Electrode preparation and electrochemi-
cal measurements’ section). The modified cell cases were supplied 
by Canrd Technology Co. Ltd., and feature circular windows (~5-mm 
diameter) punched into the stainless steel casing and spacer to allow 
X-ray transmission. The holes in the cases were sealed with Kapton 
tape to prevent air exposure and liquid electrolyte solution leakage. 
The electrolyte volume used in these modified cells was maintained 
at 40 μl. Galvanostatic charge–discharge cycling measurements were 
conducted using a MACCOR battery testing system during X-ray acqui-
sition at different current densities within the cell potential range of 
2.7–4.5 V. A certified CeO2 standard (SRM 674b) was used to calibrate 
the instrumental parameters for diffraction analysis.

W–H analysis was conducted to deconvolute the contributions of 
crystallite size and microstrain to peak broadening69. The W–H analysis 
was conducted using multiple diffraction peaks within the relevant 2θ 
range, based on the following equation:
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βhkl × cosθ
Kλ

= 1
D + 4 × ε sinθ

Kλ
, (4)

where βhkl  is the full-width at half-maximum of the Lorentzian-fitted 
peaks, θ is the Bragg angle, K is the Scherrer constant of 0.9, λ is the 
X-ray wavelength, D is the mean crystallite size and ε represents the 
microstrain.

Rietveld refinements were performed using the sequential refine-
ment function in the GSAS-II software package to extract the lattice 
parameters and microstrain evolution of the in situ XRD datasets70. 
Given the negligible size effect based on the W–H analysis, the crys-
tallite size was fixed based on SEM measurements. The two-phase 
refinements were conducted in the high-SoC regions when applicable. 
An example of the two-phase refinement in this work is provided in 
Supplementary Fig. 57.

Scanning diffraction X-ray microscopy
Scanning diffraction X-ray microscopy (SDXM) was conducted at the 
Hard X-ray Nanoprobe beamline (3-ID) at NSLS-II. For the SXDM meas-
urement, the cycled electrodes were harvested from disassembled 
coin cells (see the sample preparation for the XAS experiment in the 
‘Physicochemical characterization’ section) and prepared in a similar 
way as the XAS measurement. In particular, the SC particles were 
mechanically detached from the cycled electrode foil by gentle scrap-
ing using a plastic spatula (VWR International) inside an argon-filled 
glovebox (O2 < 10 ppm, H2O < 0.5 ppm, 25 ± 2 °C). Approximately 
1–2 mg of the collected particles were transferred to a 10- m silicon 
substrate. The sample was stored and transported in an inert atmos-
phere to prevent air exposure before SXDM measurements. During the 
experiments, X-rays were focused to an ~30-nm spot size to illuminate 
the sample, with the crystal orientation adjusted to excite Bragg dif-
fraction. A pixel-array detector was positioned to capture the diffracted 
patterns at each scan point, enabling spatially resolved diffraction 
measurements. The sample was rocked over a 2° range around the 
selected Bragg peak, whereas a 2D raster scan with a 50-nm step size 
was performed at each rocking angle. A five-dimensional dataset with 
each pixel of the 2D image related to a 3D rocking curve was produced. 
The final image resolution was determined by the convolution of the 
beam profile with the pixel size (50 × 50 nm2). SXDM typically produces 
a 2D projected image of the 3D particle. The projection is along the 
direction of the incident beam. For the SXDM results shown in Fig. 3, 
the normal direction is along the incident-beam direction.

For SDXM analysis, we used the five-dimensional analysis widget 
of the Diffraction User Data Explorer software (the ‘Code avail-
ability’ section includes a link to the software). The concept of the 
five-dimensional analysis is described elsewhere71. The first step is to 
image-register the SDXM maps taken at different sample angles. From 
there, a 3D reciprocal space is generated for each pixel in the real-space 
map. A 3D Gaussian fitting or centre-of-mass calculation is performed 
to calculate the position of the Bragg peak in reciprocal space. The 
length of the Q vector is used to calculate the d spacing (equation (3) of 
ref. 71), whereas the angular deviation of the Q vector from its expected 
value is used to calculate the lattice rotation (equation (4) of ref. 71).

Full-field TXM imaging and 3D tomography
TXM imaging was conducted at 18-ID FXI beamline of NSLS-II of 
Brookhaven National Laboratory for generating the 3D nano-XANES 
datasets. The cycled electrodes were prepared in a similar way to the 
SXDM measurement. In this case, approximately 1–2 mg of the active 
material from the cycled electrode (for the cycled electrode harvesting 
and coin cell disassembly, see the sample preparation for the XAS 
experiment in the ‘Physicochemical characterization’ section) was 
dispersed directly onto Kapton tape by gentle scraping using a plastic 
spatula (VWR International) inside an argon-filled glovebox 
(O2 < 10 ppm, H2O < 0.5 ppm, 25 ± 2 °C). The particles sealed in Kapton 

tapes were then stored in vacuum bags and mounted onto the holder 
before TXM measurement. For the experiment at the 18-ID (FXI) beam-
line, we used a double-crystal Si(111) monochromator with a bandpass 
of ΔE/E  ≈ 10−4, corresponding to an energy resolution of better than 
1 eV at ~8,350 eV. The TXM-XANES data were collected at energies 
between 8,340 and 8,360 eV. The step size used in the energy-dependent 
measurement was 1 eV. Subelectronvolt precision of the WL shift was 
obtained in this work through per-voxel fitting of the XANES spectra 
(Supplementary Fig. 58). The procedure of the fitting is described 
elsewhere72,73.

The average intensity per pixel in the raw TXM data was about 
104 photons, corresponding to an intensity uncertainty of 1% from 
shot noise variations. Intensity uncertainty from the read-out noise 
is negligible. For each energy point across the XANES spectrum, 3D 
tomographic reconstructions were obtained from a series of projec-
tion images captured as the sample is rotated from 0° to 180°. These 
projections were collected at fine angular intervals to ensure accurate 
reconstruction of the internal structure. The resulting voxel resolution 
of the tomographic reconstructions was 40 nm, allowing for a detailed 
visualization of nanoscale chemical and structural variations within the 
sample. TXM datasets were reconstructed using the scientific package 
TXM_Sandbox (https://github.com/xianghuix/TXM_Sandbox). The 
segmentation, quantification and visualization of the TXM results were 
performed with Dragonfly v.2022.2 (Comet Technologies; https://www.
theobjects.com/dragonfly). Examples of XANES spectra extracted from 
3D TXM-XANES data are shown in Supplementary Fig. 59.

Data availability
All data are available in the article or its Supplementary Information, 
which are also available from the corresponding authors upon request.

Code availability
The code used to analyse the SDXM data is available at https://hub.
docker.com/r/danielzt12/dude.
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